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Abstract

The tensile creep and creep fracture properties in air at 1300�C are compared for SiCf/SiC and SiCf/Al2O3 composites, each

reinforced with 0.38 volume fractions of interwoven silicon carbide (Nicalon2) ®bre bundles aligned parallel and normal to the
stress direction. The di�ering behaviour patterns displayed by these 0/90� woven composites are analysed to identify the processes
controlling creep strain accumulation and crack development. # 2000 Elsevier Science Ltd. All rights reserved.
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1. Introduction

For service applications involving creep loading at
high temperatures, continuous ceramic-®bre-reinforced
ceramic±matrix composites (CFCCs) o�er the prospect
of combining high strength, good oxidation resistance
and low density, while avoiding the engineering design
constraints imposed by the inherently brittle nature of
monolithic ceramics. With this class of materials, the
strength characteristics depend primarily on load trans-
fer to large volume fractions of high-modulus ®bres
with weak ®bre/matrix interfaces.1±3 Yet, while several
studies have provided insights into the mechanisms
controlling creep of these ®bre-reinforced composites,4±12

few comparisons have been made of the relative creep
strengths of di�erent CFCCs.8 For this reason, the ten-
sile creep and creep fracture properties in air at 1300�C
have been compared for two high-performance CFCCs;
one with a silicon carbide matrix and the other with an
alumina matrix, both reinforced with interwoven bun-
dles of silicon carbide (Nicalon2) ®bres oriented paral-
lel and normal to the stress axis. The data comparisons
were supported by microstructural studies and by creep

curve shape analyses, allowing all features of the beha-
viour patterns exhibited by these 0/90� woven CFCCs to
be rationalized in terms of the processes shown to gov-
ern creep strain accumulation and rupture ductility.

2. Experimental procedures

The silicon carbide ®bre-reinforced silicon carbide
(SiCf/SiC) had a plain weave Nicalon2 ®bre arrange-
ment, with a ®bre volume fraction of �0.38.12 To pro-
vide the weak interface layers, carbon (<0.5 mm thick)
was deposited on the �15 mm diameter Nicalon2

NLM202 ®bres before the ®bre preforms were densi®ed
by chemical vapour in®ltration (CVI) to form the poly-
crystalline SiC matrix, which had a total porosity of
�15% [Fig. 1(a)].
CFCCs can be produced with more complex struc-

tures, as exempli®ed by a Nicalon2 ®bre-reinforced
alumina-matrix (SiCf/Al2O3) composite developed by
Dupont Lanxide Composites Inc. (now Allied Signal).
With this material, eight-harness satin-woven Nicalon2

NLM202 ®bres were coated with boron nitride, which
formed the thin interface layers between the �15 mm
diameter ®bres and the CVI-deposited SiC ®bre coat-
ings (�5 mm thick). The alumina matrix was then
introduced via the DIMOX process, i.e. by in-situ
directional oxidation of liquid aluminium.13,14 A sub-
sequent metal removal operation reduced the residual
metal content to<4%, creating a polycrystalline alumina
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matrix with a porosity less than 15% [Fig. 1(b)]. This
results in a matrix modulus substantially lower than
that of the coated ®bre tows.
For both types of CFCC, the 2D layers of woven

fabric or plies were aligned and stacked before densi-
®cation, resulting in multi-layer samples with ®bre
bundles arranged into balanced 0/90� woven arrays.
However, certain distinctive features of the composite
structures should be noted. Although both CFCCs
contained �0.38 volume fractions of �15 mm diameter
Nicalon2 NLM202 ®bres, the weave patterns were dif-
ferent, with the ®bre bundle con®gurations illustrated in
Figs. 2 and 3. In addition to di�ering matrix composi-
tions, the SiCf/SiC material had thin carbon interfaces
between the ®bres and the matrix, whereas the SiCf/
Al2O3 composite was produced with the ®bres having
double BN/SiC coatings. Furthermore, while pores (�1
to 20 mm diameter) were readily apparent within the

®bre bundles of both composites (Fig. 1), only with the
SiCf/SiC samples were macropores (up to several 100
mm in length) routinely found in the matrix regions
between the interwoven ®bre bundles [Figs. 2 and 3].
To ensure that valid comparisons could be made

between the data sets obtained for both CFCCs, the
procedures adopted to evaluate the SiCf/SiC compo-
site12 were also used for the SiCf/Al2O3 material. Thus,
tensile creep tests were carried out using samples pro-
duced such that stresses were applied parallel to one
®bre direction. The ¯at 200 mm long specimens had
gauge lengths of 40 mm and widths of 8 mm, with the
testpiece thicknesses being 2.8 mm for the SiCf/Al2O3

compared with 3.5 mm for the SiCf/SiC composite. The
tests were conducted in air at 1300�C, using high-precision
machines described elsewhere.12,15 In all cases, loading
was performed once the specimens had stabilized for 1 h
at the test temperature, with the loads applied smoothly

Fig. 1. Scanning electron micrographs showing (a) the carbon-coated Nicalon2 ®bres in the silicon carbide matrix of the SiCf/SiC composite and (b)

the double BN/SiC coated Nicalon2 ®bres in the alumina matrix of SiCf/Al2O3 composite.

Fig. 2. Scanning electron micrographs showing the through-thickness appearances of the ®bre bundles in the as-received (a) SiCf/SiC and (b) SiCf/

Al2O3 composites. In relation to these bundle con®gurations, the tensile stress axis would be horizontal. For clarity, some of the macropores between

the interwoven ®bre bundles in the SiCf/SiC material have been in®lled black.
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by means of a slow-release jack. Yet, while stresses from
47 to 80 MPa were chosen for the study of the SiCf/SiC
samples,12 stresses from 60 to 95 MPa were required to
give creep lives up to around 2500 h with the SiCf/Al2O3

specimens.
Few problems were encountered in testing the SiCf/

Al2O3 samples, which were surface ground prior to
creep exposure to give a maximum of seven undamaged
woven layers or plies across the testpiece thickness.
With the unground SiCf/SiC specimens, problems were
sometimes caused by failure outside the testpiece gauge
length and occasionally by slippage from the grips.12

Only results free from these experimental di�culties
were included in the present analysis.

3. Results and discussion

As found for the SiCf/SiC composite tested in air at
1300�C,12 at each stress level investigated for the SiCf/

Al2O3 material, after the initial strain on loading at the
creep temperature, a normal primary curve was
observed during which the creep rate decreased with
time to a minimum value. Over the stress ranges con-
sidered, no well-de®ned secondary or tertiary stages
were apparent, although very short periods of rapid
creep rate acceleration became more evident just prior
to fracture at low stresses (Fig. 4). However, with the
SiCf/Al2O3 samples, the strain to failure increased
with decreasing stress, resulting in creep ductilities
substantially greater than those recorded for the SiCf/
SiC material,12 particularly in tests of long duration
(Fig. 5).

3.1. Factors a�ecting creep strength

For each creep curve obtained for the SiCf/Al2O3

composite, the value of the minimum rate was deter-
mined, allowing comparisons to be made with tensile
creep data acquired at 1300�C for

Fig. 3. The appearances of (a) the un-ground surfaces of the SiCf/SiC specimens and (b) the ground surfaces of the SiCf/Al2O3 testpieces.

Fig. 4. Tensile creep curves for (a) the SiCf/SiC and (b) the SiCf/Al2O3 composites in air at 1300�C, plotted as creep rate against creep strain at

various stress levels.

B. Wilshire, F. CarrenÄo / Journal of the European Ceramic Society 20 (2000) 463±472 465



a. the SiCf/SiC samples in air,12

b. a 25 vol% SiC whisker-reinforced alumina±matrix
ceramic (SiCw/Al2O3) in air16 and

c. Nicalon2 NLM202 ®bres under vacuum.17

It has been suggested recently that creep of the matrix
governs the creep properties displayed by 0/90� woven
SiCf/SiC materials.18 This conclusion was based on the
observation that matrix cracking was not excessive.
Moreover, the creep rates reported for silicon carbide
produced by chemical vapour deposition19 appeared to
be lower than those derived by extended extrapolation
of results obtained for Nicalon2 ®bres.17 Although the
present study con®rms the low incidence of large cracks
even at fracture of the SiCf/SiC samples, several obser-
vations demonstrate that the Nicalon2 ®bres control
the rates of creep strain accumulation in both the SiCf/
SiC and SiCf/Al2O3 composites, with creep of the ®bres
accompanied by matrix microcracking.
From Fig. 6, it is clear that stresses about ®ve times

higher must be applied to the Nicalon2 ®bres in order
to achieve creep rates comparable with those recorded
for the Nicalon2 ®bre-reinforced materials. The creep
performance of the SiCf/SiC and SiCf/Al2O3 products
must therefore be governed by the longitudinal ®bres,
which occupy approximately one ®fth of the testpiece
cross-section.
The dominant roÃ le of the ®bres was con®rmed by data

comparisons for the SiCw/Al2O3 and SiCf/Al2O3 com-
posites in air at 1300�C. The incorporation of SiC
whisker dispersions improves the creep strength of fully-
dense alumina,20±22 but the creep resistance of the ®bre-
reinforced alumina is considerably greater than that of
the whisker-reinforced ceramic (Fig. 6). Consequently,
the porous alumina matrix can make little contribution
to the creep strength of the SiCf/Al2O3 composite.
Since the ®bres determine the creep strength, similar

property values could be expected for tests carried out

in air at 1300�C for the SiCf/SiC and SiCf/Al2O3 sam-
ples, which both contained 0.38 volume fractions of �15
mm diameter Nicalon2 ®bres arranged as 0/90� woven
arrays. Yet, the minimum rates recorded for the SiCf/
Al2O3 composite were more than an order of magnitude
lower than those for the SiCf/SiC product over com-
parable stress ranges (Fig. 6). In addition to this super-
ior creep resistance, the stress rupture data in Fig. 7
reveal that the times to fracture were over 100 times
longer for the SiCf/Al2O3 samples than for the SiCf/SiC
testpieces under equivalent test conditions.
These seemingly anomalous results can be explained

by considering the detailed shapes of the creep strain/
time curves. Fig. 8 shows the curves recorded at the
same applied stress for the SiCf/Al2O3 and SiCf/SiC
composites. Compared with the large di�erences in
creep and stress rupture resistance noted in Figs. 6 and
7, the initial creep rates were only about 4 times faster
for the SiCf/SiC specimens over similar stress ranges

Fig. 5. The stress dependence of the creep strain to failure in air at

1300�C for the SiCf/SiC and SiCf/Al2O3 composites.
Fig. 6. The variations of the minimum creep rate with stress at 1300�C
for the SiCf/Al2O3 composite, with tensile creep data included for

0/90� woven SiCf/SiC materials,10,12 for a SiCw/Al2O3 ceramic16 and

for Nicalon2 NLM202 ®bres.17

Fig. 7. The variations of the creep rupture life with stress in air at

1300�C for the SiCf/SiC and SiCf/Al2O3 composites.

466 B. Wilshire, F. CarrenÄo / Journal of the European Ceramic Society 20 (2000) 463±472



(Fig. 8), which may be attributable to di�erences in the
®bre coating types and weave patterns and/or to the
presence of macroporosity (Figs. 1±3). Even so, these
di�erences in initial creep strength become exaggerated
because, when continuously-decaying curves are recor-
ded (Figs. 4 and 8), the minimum creep rates and rup-
ture lives are in¯uenced by variations in the strain to
failure (Fig. 5).
Under uniaxial tension, the rupture life (tf) can be

de®ned as the time (t) taken for the accumulated creep
strain (") to reach the limiting creep ductility ("f). Thus,
continuously decaying curves of the form shown in Figs.
4 and 8 can be considered to terminate at t � tf when
" � "f, with the creep rate ("

:
) decreasing gradually from

an initial high value until a minimum rate ("
:
m) is

attained essentially at the point of failure. On this basis,
since the strains to failure are low for the SiCf/SiC
material at all stress levels (Fig. 5), the creep curves ter-
minate early (Fig. 8), giving high minimum creep rates
and low rupture lives (Figs. 6 and 7). In contrast, parti-
cularly in longer term tests with the SiCf/Al2O3 product,
the creep rate decays continuously until fracture occurs
at relatively high strains (Figs. 5 and 8), resulting in
lower minimum rates and much longer times to fracture
(Figs. 6 and 7). Hence, to interpret the varying beha-
viour patterns exhibited by these 0/90� woven CFCCs, it
is necessary to identify the damage processes determin-
ing the creep ductilities (Fig. 5).

3.2. Creep fracture processes

The damage processes leading to failure were clari®ed
by microstructural examination and fractographic stu-
dies, extending the preliminary investigation carried out
for the SiCf/SiC composite12 to allow comparisons to be
made with the crack development patterns observed in
air at 1300�C for the SiCf/Al2O3 composite.
With both materials, creep of the longitudinal Nica-

lon2 ®bres was accompanied by cracking of the weak

brittle matrices. The cracks could grow through the
transverse bundles, by-passing the ®bres (Fig. 9), also
crossing the ®bre-free matrix regions between the indi-
vidual layers of woven fabric before becoming arrested
by the longitudinal ®bre bundles (Fig. 10). On pene-
trating into the longitudinal bundles in a direction nor-
mal to the stress direction, the cracks became bridged by
the ®bres,1±3 but the bridging ®bres then failed progres-
sively as oxygen penetrated during tests in air.23 This
resulted in cracks developing with oxidation-assisted
®bre failure occurring essentially in the fracture plane
(Fig. 11). For both CFCCs, crack growth zones with in-
plane ®bre failure were therefore observed, together
with regions where sudden fracture occurred by ®bre
pull-out (Fig. 12), although the detailed appearances of
the fracture surfaces di�ered for the SiCf/SiC and SiCf/
Al2O3 composites.
With the SiCf/SiC testpieces, a zone showing ®bre

pull-out of the longitudinal bundles was observed only
in one region of the fracture surface, with this zone sur-
rounded by the region of near-planar crack development
with negligible pull-out [Fig. 12(a)]. The percentage of

Fig. 8. Creep strain/time curves for the SiCf/SiC and SiCf/Al2O3

composites tested in air at 1300�C under a stress of 75 MPa.

Fig. 9. Scanning electron micrograph showing matrix crack develop-

ment in the SiCf/SiC composite tested in air at 1300�C.

Fig. 10. Scanning electron micrograph showing cracks penetrating

across the matrix regions between the interwoven layers of fabric in

the SiCf/Al2O3 composite. The tensile stress axis is vertical.
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the ®nal testpiece cross-section occupied by the near-
planar crack increased from �25 to �75% with
decreasing stress, suggesting that fracture occurred
when a dominant crack grew to the size required to
cause sudden failure by ®bre pull-out. This conclusion is
consistent with the fact that, away from the fracture
surfaces, large cracks were rarely discernible along the
gauge lengths of the SiCf/SiC testpieces.
Cracks developed more uniformly throughout the

SiCf/Al2O3 samples (Fig. 10), indicating that crack
growth and link up caused failure when the total area of
near-planar cracks reached a critical fraction of the
cross-sectional area. As a result, ®bre pull-out occurred
in a number of non-connected zones distributed across
the fracture surfaces [Fig. 12(b)], but with the fractional
area of the near-planar cracks at fracture varying only
from �60 to �80% over the entire stress range studied.
These di�erences in the crack development pattern

(Fig. 12) can be rationalized in the following manner. In
the as-processed state, the SiCf/Al2O3 samples contain
residual stress-induced micro-cracks,24 which facilitate
crack formation in the alumina matrix as the creep
strain accumulates (Fig. 13). Yet, while cracks form

extensively throughout the SiCf/Al2O3 testpieces (Fig.
10), nucleation occurs preferentially where high stress
concentrations arise at macropores present in the matrix
regions between the interwoven ®bre bundles in the
SiCf/SiC material (Figs. 2 and 3). Individual cracks were
often observed to originate at these macropores [Fig.
14(a)] and to connect between neighbouring macropores
[Fig. 14(b)]. Once link up takes place between cracks
nucleated at several macropores, the resulting large
crack grows rapidly through the longitudinal bundles by
oxidation-assisted failure of the bridging ®bres, causing
fracture before other large cracks develop. In addition to
demonstrating the existence of favourable crack nuclea-
tion sites, these observations suggest that crack growth
rates are signi®cantly faster in the SiCf/SiC specimens.

3.3. Factors a�ecting crack growth rates

The roÃ le of oxidation-assisted ®bre failure in relation
to crack growth rates was investigated by reference to
the creep-rate dependences of the rupture lives. For the
SiCf/SiC and SiCf/Al2O3 composites, the time to fracture

Fig. 11. Scanning electron micrograph showing crack penetration

through a longitudinal ®bre bundle in the SiCf/Al2O3 composite. The

tensile stress axis is vertical.

Fig. 12. Scanning electron micrographs showing the crack-growth zones characterized by in-plane ®bre failure and the ®nal ®bre pull-out zones on

the creep fracture surfaces of (a) the SiCf/SiC and (b) the SiCf/Al2O3 composites crept to failure in air under a tensile stress of 75 MPa at 1300�C.

Fig. 13. Scanning electron micrograph showing extensive crack

development in the matrix of the SiCf/Al2O3 composite during creep in

air at 1300�C.
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decreased with increasing minimum creep rate (Fig. 15),
showing that fracture is strain controlled.
The rupture lives represent the total times taken for

cracks to grow completely through many longitudinal
®bre bundles, in order to attain the areas of near-planar
cracking required to cause failure by ®bre pull-out (Fig.
12). The dependences of tf on "

:
m (Fig. 15) can then be

explained on the basis that the longitudinal ®bre bun-
dles govern the rates of creep strain accumulation, with
the crack-bridging ®bres then determining the rates of
crack growth through the longitudinal bundles. Even
so, ®bre failure is accelerated by oxidation.
The ways in which variables such as ®bre diameter

and ®bre-coating types a�ect oxidation-assisted ®bre
failure and crack growth can be explored by comparing
the "

:
m=tf data in Fig. 15

a. for two types of SiCf/SiC composite tested in air12

and argon10 and
b. for the SiCf/Al2O3 material tested in air.

The 0/90� woven SiCf/SiC composites were both
reinforced with 0.38 volume fractions of carbon-coated
Nicalon2 NLM202 ®bres, but the ®bre diameter was
quoted as �12 mm for the samples tested in argon10

compared with �15 mm for the specimens tested in air12

[Fig. 1(a)]. These materials showed similar creep
strengths over comparable stress ranges at 1300�C, as
evident from Fig. 6. Moreover, the appearances of the
fracture surfaces for SiCf/SiC samples crept to failure
under argon10 were identical to those shown in Fig.
12(a) for tests in air,12 in line with the observation that
even low partial pressures of oxygen in the test atmo-
spheres accelerate ®bre failure and crack growth rates.8

Even so, for a ®xed creep rate, the rupture life in
argon10 was almost an order of magnitude lower than
the time to fracture recorded for the SiCf/SiC composite
tested in air.12 Since oxidation rates must be higher in
air than under the low oxygen partial pressures
encountered in argon atmospheres, this evidence indi-
cates that the rates of oxidation-assisted ®bre failure and
crack growth increase with decreasing ®bre diameter.
The results in Fig. 15 also show that, for a ®xed creep

rate in air at 1300�C, the rupture life of the SiCf/SiC
samples was about an order of magnitude lower than
that for the SiCf/Al2O3 specimens, even though both
CFCCs had comparable ®bre types, volume fractions
and architectures (Figs. 1±3). For the same rate of creep
strain accumulation, shorter rupture lives are a con-
sequence of higher crack growth rates through the
longitudinal ®bre bundles, suggesting that the carbon-
coated ®bres in the SiCf/SiC composite are more prone
to oxidation-assisted failure than the double BN/SiC
coated ®bres in the SiCf/Al2O3 material. However, var-
iations in crack growth rates may also be attributable to
di�erences in the ways in which oxygen from the test
atmosphere reaches the bridging ®bres.
It would seem reasonable to assume that oxygen

penetrates inward from the specimen surfaces, but this

Fig. 14. Scanning electron micrographs showing (a) cracks developing from a macropore and (b) link up of cracks nucleating at adjacent macro-

pores during creep of the SiCf/SiC composite in air at 1300�C.

Fig. 15. The relationships between the minimum creep rates and the

creep rupture lives at 1300�C for the SiCf/Al2O3 material in air and for

SiCf/SiC composites in argon10 and air.12
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should lead to the near-planar cracks developing until
fracture occurs with a ®bre pull-out zone near the centre
of the testpiece. Yet, with the SiCf/SiC samples, the pull-
out zone was often located at a near-surface position
[Fig. 12(a)], suggesting that the dominant crack nucle-
ates at or near one surface of the specimen. The large
crack opening displacements associated with a growing
surface crack would then allow direct oxygen penetra-
tion, promoting ®bre failure in the crack plane. In this
way, the dominant crack would grow rapidly until the
remaining unbroken ®bre bundles are unable to carry
the load, resulting in a pull-out zone in one region
which may or may not be located centrally on the frac-
ture surface [Fig. 12(a)].
With the SiCf/Al2O3 material, failure occurred by

growth and link up of several separately-nucleated
cracks, but even the near-planar cracks formed towards
the centres of the specimens were devoid of ®bre pull-
out [Fig. 12(b)]. Oxidation-assisted ®bre failure at
cracks unconnected to the surface may then be asso-
ciated with general oxygen penetration into the test-
pieces through the residual stress-induced matrix
microcracks present before loading24 and certainly after
loading (Fig. 13). Compared with direct oxygen pene-
tration along a dominant crack in the SiCf/SiC material,
indirect oxygen ingress could be a signi®cant factor
contributing to the lower rates of crack growth in the
SiCf/Al2O3 composite.
The crack growth rates, as well as the patterns of

crack formation, determine the creep strains to failure.
With both CFCCs, the near-planar crack area/cross
section ratio at fracture increased with decreasing stress.
The low growth rates of cracks forming throughout the
SiCf/Al2O3 testpieces therefore defer fracture to longer
times and higher strains so that, since larger crack areas
must develop to cause failure as the test duration
increases, the creep ductility increases with decreasing
stress (Fig. 5). In contrast, the rapid growth of a domi-
nant crack results in low-ductility failure at all stresses
studied for the SiCf/SiC composite.

3.4. Analysis of creep curve shapes

Ductility variations (Fig. 5) in¯uence the measured
values of the minimum creep rate (Fig. 6) and rupture
life (Fig. 7), as evident from qualitative inspection of the
creep strain/time curves shown in Fig. 8. Yet, quantita-
tive analyses of creep curve shapes are necessary to
explain why, for both 0/90� woven CFCCs, the stress
dependences of the creep ductility (Fig. 5) determine the
stress dependences of the product, "

:
m:tf (Fig. 16), such

that

"
:
mtf � X"f �1�

with X being a constant (�0.5) at 1300�C.

A variety of di�erent expressions have been devised to
describe the shapes of decaying creep curves,25 one
option being that the creep strain varies with time as

" � atx �2�

where a and x are constants, accounting for Eq. (1)
when x � X � 0:5. However, this equation predicts an
in®nite initial creep rate and a creep rate which decays
continuously without ever reaching a steady value. To
avoid these limitations, decaying curves are often
described as26,27

" � �1 1ÿ exp�ÿ�2t�� � � �3�4t �3�

where �1 scales the primary stage with respect to strain,
the rate parameter �2 governs the curvature of the pri-
mary stage and �3�4 � ":m. For each curve obtained for
the SiCf/SiC and SiCf/Al2O3 composites, the best values
of �1; �2 and �3: �4 were computed using a least-squares
curve-®tting routine,28 with a reasonable description of
individual curves being obtained by substitution of the
derived � values into Eq. (3). During each test, the creep
rate therefore decreases with time as

"
: � �1�2 exp�ÿ�2t� � ":m �4�

reaching the minimum value when the primary compo-
nent becomes negligible. This occurs as t! tf, when

�2tf � Y �5�

where Y � 4 (Fig. 17). From Eq. (3), at fracture,

"f � �1 � ":mtf �6�

Fig. 16. The variations of the product ("
:
m:tf) of the minimum creep

rate and the creep rupture life with stress in air at 1300�C for the SiCf/

SiC and SiCf/Al2O3 composites.
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Moreover, from Eq. (4), the initial creep rate ("
:
o) at

t � 0 can be computed as

"
:
0 � �1�2 � �3�4 � �1�2 � ":m �7�

As reported for both metallic and ceramic materi-
als,29,30 the computed initial rate is discernibly lower
than the measured initial rate determined directly from
the experimental creep curve, because the creep rate
decays very rapidly immediately after the initial strain
on loading. Even so, the results in Fig. 18 make it clear
that "

:
o / ":m, with

"
:
m � Z�":o ÿ ":m� �8�

where Z � 0:25. Combining Eqs. (5), (6) and (8) then
gives

"
:
mtf="f � X � YZ=�1� YZ�� � �9�

with YZ � 1, so that X � 0:5, in line with Eq. (1).

While Eqs. (2) and (3) provide satisfactory descrip-
tions of the seemingly-smooth "=t curves recorded for
the present CFCCs (Fig. 8), the serrated appearances of
the "

:
=" curves (Fig. 4) suggest that the creep strain

accumulates in `mini-bursts', especially as "
:! "

:
m and

"! "f. With the SiCf/Al2O3 material, the initially-
smooth decay in creep rate with increasing strain [Fig.
4(b)] coincides with the general formation of matrix
cracks throughout the testpiece gauge lengths (Figs. 11
and 13). As creep proceeds, a small strain burst is
caused by the opening of a larger crack formed by
complete penetration of a ®bre bundle. The frequency
of bundle penetration increases as creep continues, so
the magnitude of the serrations on the "

:
=" curves also

increases. With the SiCf/SiC samples, a dominant crack
forms early in the creep life, penetrating rapidly through
successive longitudinal bundles, so the "

:
=" curves are

serrated almost from the start of the tests [Fig. 4(a)].
Even so, as the ®bre bundles fail progressively during
creep of both CFCCs, the strain contributions from
crack opening and stress transfer to unbroken ®bre
bundles are not su�cient to cause a sustained increase
in overall creep rate until just before fracture. Then, as
the proportion of the fracture surfaces occupied by
near-planar cracks increases with decreasing stress, so
that fewer unbroken bundles are supporting the creep
loads as "! "f, a short period of rapid tertiary accel-
eration becomes more apparent with increasing test
duration (Fig. 4).
With the SiCf/SiC samples, the formation of a domi-

nant crack results in a high stress concentration on the
unbroken ®bre bundles [Fig. 12(a)]. However, the stress
concentrations are lower on the unbroken bundles dis-
tributed across the crack plane when failure occurs by
link-up of cracks growing throughout the SiCf/Al2O3

specimens [Fig. 12(b)]. Hence, the pull-out area/cross
section ratios on the fracture surfaces range only from
�40 to 20% with the SiCf/Al2O3 samples, compared
with �75 to 25% for the SiCf/SiC testpieces over similar
stress ranges. As the ductility increases with decreasing
stress for the SiCf/Al2O3 composite, large cracks can
therefore form without causing immediate failure, indi-
cating the potential for development of CFCCs com-
bining crack tolerance, low density and high strength
for applications involving long-term creep exposure in
air at elevated temperatures.

4. Conclusions

Many features of the deformation and damage pro-
cesses occurring during tensile creep in air at 1300�C
are similar for 0/90� woven SiCf/SiC and SiCf/Al2O3

composites.
The longitudinal ®bres control the rates of creep

strain accumulation and the accompanying formation

Fig. 17. The dependence of the creep rupture life on the primary rate

parameter, �2, for the SiCf/SiC and SiCf/Al2O3 composites in air at

1300�C.

Fig. 18. The relationship between the computed initial creep rate ("
:
o)

and the measured minimum creep rate ("
:
m) for the SiCf/SiC and SiCf/

Al2O3 in air at 1300�C.
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of cracks in the weak brittle matrices. As the developing
cracks penetrate into the longitudinal ®bre bundles,
crack growth rates are limited by crack-bridging ®bres,
but ®bre failure is promoted by oxygen penetration.
Creep fracture then takes place when the area of the
developing cracks attain the critical fraction of the test-
piece cross-section required for sudden failure by ®bre
pull-out.
Both CFCCs exhibit continuously-decaying creep

curves with negligible tertiary stages, so that "
:! "

:
m and

t! tf as "! "f. However, low "f values (�0.002) were
recorded in all tests carried out for the SiCf/SiC mate-
rial, whereas "f increased from �0.002 to �0.03 as the
test duration increased towards �2500 h for the SiCf/
Al2O3 composite. While measurements of the initial
creep rates indicate that the creep resistance of the SiCf/
Al2O3 is slightly superior to that of the SiCf/SiC material,
the dependences of "

:
m and tf on "f result in signi®cantly

lower minimum creep rates and much longer rupture
lives being observed for the alumina±matrix samples.
With the SiCf/SiC composite, low-ductility fracture is

caused by a dominant crack, nucleated at macropores,
growing rapidly by direct ingress of oxygen along the
crack plane. In contrast, cracks form extensively
throughout the SiCf/Al2O3 testpieces, but crack growth
rates are reduced by the double BN/SiC coatings on the
Nicalon2 ®bres and/or by low rates of indirect oxygen
penetration through the micro-cracked alumina matrix.
Low crack growth rates defer fracture to longer times
and higher strains, so that "f increases as the crack area/
cross-section ratio required to cause failure increases
with decreasing stress. Hence, long cracks can develop
without causing immediate failure of the SiCf/Al2O3

composite during long-term creep exposure, illustrating
that crack tolerance can be combined with impressive
creep and creep fracture resistance for high-temperature
engineering applications.
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